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High-temperature deformation of 
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Specimens were prestretched in the range 0 to 7% plastic deformation prior to artificial 
ageing, or were duplex aged, to investigate the effect of dislocation substructure and of 
S(AI2CuMg ) particles on plastic f low during room and elevated temperature tensile tests. The 
yield stresses increased in AI -L i -Cu-Mg-Zr  alloys 8090 and 8091 after stretching, due to the 
dislocation cells introduced by the stretch and also to the nucleation and growth of the S- 
phase partidles on these dislocations. Up to 400 K the modulus-normalized proof stresses for 
the variously treated materials were constant, but they fell at higher temperatures, as disloca- 
tion climb mechanisms operated. The proof stresses of alloy 8090 fell at a temperature 50 K 
lower than alloy 8091, and this difference is considered to arise from the differing volume 
fraction of S-phase in the two alloys. The work hardening rate (8) at a strain of 0.2% was 
measured between 300 and 500 K. In alloy 8090, the temperature at which dynamic recovery 
occurs was influenced by the degree of stretch, but this was not so in alloy 8091. In alloy 
8090, the substructure introduced by stretching was able to act as a dislocation sink during 
dynamic recovery, whereas in alloy 8091 the higher copper content brought about more S- 
phase precipitation which was sufficient to inhibit this effect. The athermal hardening rate (`3o) 
was obtained by extrapolation of the ,9 - ~t curves, giving ,30 = 10000 GPa, for alloy 8090 
and ,3o = 8500 GPa, for alloy 8091. This difference may reflect a higher mobile dislocation 
density in alloy 8090 due to the lower volume fraction of S-phase particles in that material. 

1. I n t r o d u c t i o n  
This work is concerned with two A1-Li-Cu-Mg-Zr 
alloys designated 8090 and 8091. The Young's modu- 
lus of these alloys is over 10% higher than that of 
other commercial aluminium alloys, and the main 
strengthening phase is the ordered 8' (A13Li) phase, 
which increases the strength by the formation of anti- 
phase boundaries during deformation. This leads to 
the movement of dislocation pairs during plastic de- 
formation, and hence to planar slip [1]. Copper and 
magnesium are added to promote the formation of the 
semi-coherent S-phase (AlzCuMg), which is heteroge- 
neously nucleated. Precipitation of a high volume 
fraction of S-phase on dislocations will enhance the 
strength [-2] as well as help to homogenize the co- 
planar slip distribution, and a more uniform distribu- 
tion of S-phase particles is produced if the alloys are 
plastically deformed by stretch prior to ageing [3]. 

It has also been shown that the distribution of the 
S-phase may be made homogeneous by means of a 
duplex heat treatment introducing a period of natural 
ageing between solution heat treatment and artificial 
ageing [4]. The object of the present research is to 
study the effects of prior stretch and S-phase distribu- 
tion upon the elevated temperature deformation beha- 
viour of the alloys 8090 and 8091. 

2. Experimental procedure 
The alloys were in the form of rolled plates of 25 mm 
thickness, the chemical compositions (wt %) were as 
given in Table I. The alloys were thermomechanically 
processed as summarized in Table II. Cylindrical tens- 
ile specimens of gauge length 18 mm and diameter 
5 mm were machined from the blanks after the various 
treatments, as shown in Fig. 1. The longitudinal axis 
was parallel to the rolling direction of the plate. The 
tensile tests were conducted over a range of temper- 
atures between 300 and 550 K at a strain rate of 
,1 x 10 -~ s-~, the specimens being maintained in the 
furnace at test temperature for 0 5 h prior to testing. 

3. R e s u l t s  
3.1. Microstructures  
Transmission electron microscope (TEM) observa- 
tions show that in the unstretched alloys 8090 and 
8091, the S-phase particles primarily decorate the 
stray dislocations, grain and subgrain boundaries, as 
shown in Fig. 2. In duplex-aged 8090 and 8091, the S- 
phase distribution is more uniform, as shown in Fig. 3. 
This arises because the nature of the precipitation sites 
is influenced by the strong lithium to vacancy binding 
energy [4]. The homogeneous precipitation of S is 
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TABLE I The composition of alloys 8090 and 8091 (wt %) 

Alloy Li Cu Mg Zr AI 

8090 2.41 1.16 0,61 0.11 Bal. 
8091 2.40 2.00 0.70 0.15 Bal. 

TABLE II Thermomechanical treatments applied. Specimen 
blanks of alloys 8090 and 8091 were solution-treated at 530 ~ for 
1 h, cold water quenched , then 

No. Treatment Abbreviations Ageing 

1 Unstretched N Artificial 20h, 190~ 
2* 2.5% stretched ~ 2.5% Artificial, 20h, 190~ 
3 4% stretched 4% Artificial, 20h, 190~ 
4 7% stretched 7% Artificial, 20h, 190~ 
5 Duplex aged D Natural, 24h, 21 ~C, then 

Artificial, 24 h, 190 ~ 

*Alloy 8091 only. 

d = 5rllKl 

--> 6ml 
40turn 

Figure 1 The tensile test specimen. 

dependent on the density of free vacancies which, in 
turn, is a function of the solution treatment temper- 
ature and the temperature used for the first stage of 
the duplex age. During a low-temperature natural age, 
6' particles grow, and as they grow they incorporate 
lithium. The vacancies which were originally strongly 
bound to the lithium are released and can then con- 
dense to form nucleation sites for the S-phase during 
subsequent ageing. This model is supported by obser- 
vations of the formation of dislocation loops and 
helices associated with 6' growth [4], and by the direct 
observation of the nucleation of S at the 6'-matrix 
interface [5]. 

In stretched alloys 8090 and 8091, there is a uniform 
array of S-phase which is nucleated on the disloca- 
tions introduced by the stretch. A quantitative metal- 
lographic study of the S-phase distribution has shown 
[6] that in the stretched materials, the volume fraction 
and the size of the S-phase particles is higher than 
unstretched and duplex-aged materials. Fig. 4 shows 
TEM micrographs of the S-phase distribution in 
stretched 8090 and 8091. 

3.2. Mechanical properties 
3.2. 1. Yielding behaviour 
3.2.1.1. Alloy 8090. The duplex-aged, unstretched, 
4% stretched and 7% stretched alloy 8090 tensile 

specimens were tested to fracture (between room tem- 
perature and 550 K). Load-extension curves for alloy 
8090 at various temperatures are shown in Fig. 5, and 
the variation of the modulus-normalized 0.2% proof 
stresses (~o.z/E) against test temperature is shown in 
Fig. 6. For  the duplex-aged, unstretched, 4% and 7% 
stretched samples, the 0.2% proof stress is constant up 
to 400 to 450K. It is notable that the modulus- 
normalized proof stress of 4% stretched material is 
greater than that of the 7%, unstretched and duplex- 
aged materials. 

All the proof stresses start to decline above 450 K, 
and at 550 K the proof stress of the 4% stretched alloy 
is greatest followed by the 7%, duplex-aged and un- 
stretched materials. 

3.2.1.2. Alloy 8091. The duplex-aged, unstretched, 
2.5, 4 and 7% stretched alloy 8091 tensile specimens 
were also tested and load-extension curves for various 
temperatures are shown in Fig. 7. The relationship 
between the modulus-normalized 0.2% proof stresses 
and temperature is shown in Fig. 8, where it may be 
seen that alloy 8091 exhibits the same tendency as 
8090. All the proof stresses remain constant, then fall 
above a critical temperature. Up to 400 K, the proof 
stress of 4% stretched 8091 samples are greater than 
those of the 7 and 2.5%, unstretched and duplex-aged 
materials, although there is rather less difference be- 
tween them. 

As the temperature increases, the yield stresses be- 
gin to fall at a temperature about 50 K higher than in 
alloy 8090. At 550 K, the 2.5% stretched alloy has the 
highest proof stress, followed by the 4 and 7%, un- 
stretched and duplex-aged materials. 

3.2.2, Work-hardening 
3.2.2.1. Alloy 8090. The dynamic recovery behaviour 
of this alloy for various heat treatments and degrees of 
stretch have been studied by observing the change in 
work-hardening rate with temperature in the range 
300 to 500 K. Fig. 5 shows that the slope (dcy/de) of the 
stress-strain curves decreases as the test temperature 
rises. This effect can be seen clearly when the modulus- 
normalized work-hardening rates (O/E at 0.2% plastic 
strain), measured from load-extension curves by tan- 
gent construction, are plotted in Fig. 9. This figure 
shows an initially constant modulus-normalized 
work-hardening rate which then falls off as the tem- 
perature rises. The 7% stretched material is the first to 
show a decrease (at about 350 K), then the 4% 
stretched (at 400 K), unstretched (at 425 K), and 
duplex-aged materials follow (at 450 K). At low tem- 
perature, 7% stretched material shows the maximum 
work-hardening rate (1)/E), fo l lowed by the 4% 
stretched, unstretched and duplex aged materials. At 
550 K, the work-hardening rate of the 7% stretched 
material remains the highest followed by the 4% 
stretched, duplex aged and unstretched materials in 
that order. 

593 



Figure 2 S-phase distribution in peak-aged unstretched alloys. (a) 8090, beam condition (1 12)A1; (b) 8091, beam condition (100)g~. 

Figure 3 S-phase distribution in duplex-aged alloys. (a) 8090, beam condition (1 12)g~, (b) 8091, beam condition (100)M ). 

Figure 4 S-phase distribution in peak-aged 4% stretched alloys. (a) 8090, (b) 8091. beam condition (1 12)k ~. 

3.2.2.2. Alloy 8091. The modulus-normalized work- 
hardening rates O/E) of alloy 8091 are plotted against 
test temperature in Fig. 10. In addition to using 
tangent construction, the values of work-hardening 
rate (11) f o r  alloy 8091 were obtained by using a 
computer to calculate the tangent from load-  
extension curves. The two methods produced identical 
results, confirming the accuracy of the procedure. The 
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g/E against test temperature curves of alloy 8091 show 
the same tendency as 8090, initially maintaining a 
constant level, but remaining constant to a higher 
temperature of about 450 K. Above this temperature, 
all the ~)/E curves start to fall due to dynamic recovery, 
but the duplex-aged, unstretched and stretched mater- 
ials do not differ much in dynamic recovery temper- 
ature, unlike alloy 8090. 
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3.3.  Extrapolat ing data from the test curves 
The work-hardening rate `3(do/ds) at 0.2% plastic 
strain, and the work-hardening  exponent  n for al loys 
8090 and 8091, were derived by c o m p u t a t i o n  from the 
experimental  l o a d - e x t e n s i o n  curves assuming  an 
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equat ion  of  the form cy = A. s". The empirical  Voce  [8]  
equat ion  

`3 = `3o(1 - (3"T/O"0) (1) 

was applied to the data by plott ing `3 against  the true 
stress (CYT) (Figs 11 and 12), and thereby determining 
the athermal  hardening rate `30 by extrapolat ion of  the 
computed  ,3 - c~ T curves. 

In general, the data s h o w  a g o o d  linear relationship 
between `3 and ~T, with `3 decreasing sharply with 
stress in all the test curves, and the higher the test 
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temperature the steeper the curve. All the curves fit the 
Voce equation reasonably well. 

4 .  D i s c u s s i o n  

4.1�9 Y ie ld  b e h a v i o u r  
The contributions to the yield stress in A1-Li alloys 
come from various sources. Miller et al. I-9] express 
them as follows 

~Ty ---~ Tb  -~- "l~ s ~-  ~p  (2) 

where % is the contribution from grain, sub-grain 
boundary and dislocation substructure strengthening; 
~s is the contribution from solution strengthening; and 
Zp the contribution from precipitation strengthening. 
�9 p in alloys 8090 and 8091 can be approximately 
written as 

"cp = "c~,se ~ + Zs + ~1 (3) 

where r~ is the contribution from 6' phase; Zs the 
contribution from S-phase; and zT1 the contribution 
from T1 phase. Noble et al. [10] studied the contribu- 
tion of solution strengthening, coherency strengthen- 
ing, surface strengthening, order strengthening, stack- 
ing-fault and modulus strengtheningl and concluded 
that in binary A1 Li alloys, order hardening and 
modulus hardening are important, but other contribu- 
tions are negligible. 

Flower and Gregson [5] studied the contribution of 
the T1 phase to the strength of AI-Li alloys, and 
concluded that the T1 phase is one of the main 
strengthening phases when co-precipitated with 6' and 
S-phase in AI -L i -Cu-Mg-Zr  alloys, but that T1 is 
only important for strength when the copper content 
is greater than 3.5%, which is not the case with the 
8090 and 8091 alloys. 

TEM investigations show that for these aged mater- 
ials, the variatiorJ of the stretch did not affect the size 
of the 6' phase, therefore the contribution to strength 
from the 6' phase should be considered as a constant 
for all the aged materials regardless of treatment. This 
conclusion is also reached by Cassada et al. [1t].  

The strength of the A1 L i -Cu-Mg-Zr  alloys studies 
can thus be written as 

"~y = T b -~  T S -t- 12 5, ( 4 )  

where z~, is a constant for all the peak aged materials. 
Thus the change in yield stress in these alloys is only 
related to changes in the dislocation substructure, and 
to the size and distribution of the S-phase particles. 

We have shown that in Figs 6 and 7 the yield 
stresses increase after stretch. It is notable, however, 
that the 7% stretch results in a lower yield stress than 
the 4% stretched material in both alloys 8090 and 
8091. This is due to the introduced dislocation sub- 
structure providing easy diffusion paths for copper 
and magnesium during artificial ageing. An increase in 
the S-phase particle size is observed, and these more 
widely spaced precipitates are less effective for particle 
strengthening, although the volume fraction in 7% 
stretched 8090 is higher than in the 4% stretched 
material, suggesting that the 7 % stretched material is 
essentially overaged w i t h  respect to the S-phase 
distribution. 



It is notable in Fig. 6 that the modulus-normalized 
yield stress of the duplex-aged 8090 decreases at a 
lower temperature than the unstretched material, due 
to the duplex-aged material containing a smaller size 
of S-phase particle. As the temperature rises, the dis- 
locations are able to by-pass these particles more 
easily. 

In alloy 8091, the proof stresses for various treat- 
ments begin to decrease at a higher temperature, 
which may be explained by the increased copper 
content in alloy 8091 giving rise to a higher volume 
fraction of S-phase particles. 

4.2. Work-hardening behaviour. 
The results suggest that at low temperatures, the 
dislocation substructure introduced by stretch pro- 
vides a potent source of work-hardening for alloy 
8090. This is not observed in alloy 8091 as its higher 
copper content will increase the volume fraction of S- 
phase precipitates in the grain, subgrain boundaries 
and dislocation substructures, immobilizing the dis- 
location sources. 

4.2. 1. Alloy 8090 
The work-hardening rate values start to fall as the 
temperature rises, due to the glide dislocation finding 
sinks. TEM observations show that the plastic defor- 
mation (by stretch) results in dislocation cells which 
decrease in size with increasing degree of stretch, and 
the low volume fraction of S-phase particles in alloy 
8090 is inadequate to immobilize all these disloca- 
tions. Thus the mean free path for dislocation recovery 
will be shortest in 7% stretched 8090, since the mobile 
dislocations can be readily absorbed by the disloc- 
ation cell walls in the dynamic recovery process. Ma- 
terial receiving the 4% stretch will have a larger cell 
size and a longer dislocation mean free path. It there- 
fore has a higher critical softening temperature than 
the 7% stretched material. However the work-harden- 
ing rate of duplex-aged and unstretched materials 
begins to decrease at much higher temperatures than 
the stretched alloys, because of the absence of a disloc- 
ation cell structure to act as a sink to aid the onset of 
recovery. Only the grain and subgrain boundaries are 
available as dislocation sinks in the duplex-aged and 
unstretched alloys. 

4.2.2. Alloy 8091 
In Fig. 6, the work-hardening rate values from 
elevated-temperature tensile tests of alloy 8091 appear 
to be independent of the degree of prior stretch, in 
contrast to the behaviour of alloy 8090. This may be 
expla.ined by the higher copper content in 8091, which 
increases the density of S-phase particles within the 
grain, subgrain, and dislocation substructures. It is 
suggested that these precipitates will prevent these 
regions from acting as a dislocation sink for dynamic 
recovery. Therefore the dynamic recovery behaviour 
in alloy 8091 is little affected by the various specimen 
conditions, and the work-hardening rate curves all 

show a decrease within a common narrow temper- 
ature range. 

4.3. Comparison of experimental data and 
theoretical analysis 

The conformity of the experimental data with the 
Voce equation is consistent with the dislocation 
models of dynamic recovery proposed by Kocks [I2] 
and Kocks and Mecking [13]. It is striking that a 
single value for the extrapolated athermal hardening 
rate is observed for each alloy, independent of its 
thermomechanical treatment. The lower athermal 
hardening rate in alloy 809t may arise from the 
greater volume fraction of S-phase in that alloy. This 
phase precipitates on the dislocations, and thus may 
more effectively lock the dislocation sources than is 
possible in 8090. 

5. Conclusions 
1. The variation of yield stress with temperature in 

alloys 8090 and 8091 mainly arises from the S-phase 
and the dislocation substructures introduced by the 
stretch. 

2. At low temperature, the 4% stretched material 
shows the highest modulus-normalized proof stress 
among the stretched, unstretched and the duplex-aged 
materials, which implies a particle-size effect from the 
S-phase distribution in that material. 

3. The values of the proof stresses drop as the 
temperature rises, due to the deformation mechanism 
changing from one of dislocation glide to one of climb. 

4. The proof stress of alloy 8091 decreases at a 
temperature 50 K higher than that of alloy 8090, as 
the higher Cu content in 8091 brings about a higher 
volume fraction of S-phase particles. These S-phase 
particles hinder the dislocation climb at yield. 

5. In the peak-aged condition, in alloy 8090 the 
grain, subgrain boundaries and dislocation cells intro- 
duced by stretch act as dislocation sinks during dy- 
namic recovery. The mechanism by which this occurs 
is believed to be mainly by the dislocation cell walls 
incorporating or annihilating glide dislocations as 
they enter the substructure. 

6. A high degree of stretch in alloy 8090 decreases 
the temperature at which dynamic recovery occurs. 
This is because a smaller substructure size forms after 
the stretch, which increases the dislocation sink 
density. 

7. Alloy 8091 contains more S-phase and T1 phase 
particles on the grain, subgrain and dislocation sub- 
structures. The work-hardening rate values are main- 
tained to higher temperature than in alloy 8090. The 
extra S-phase and T1 phase particles appear to "lock' 
the dislocations and so hinder dynamic recovery. 

8. The athermal hardening rate is a material- 
dependent parameter which has a higher value for 
alloy 8090 than 8091. This may reflect the higher 
density of mobile dislocations in 8090. The test results 
and analysis show that for AI-Li-Cu-Mg-Zr alloys 
8090 and 8091, the relation of work-hardening rate 
and true stress is linear, in accord with the Voce 
equation. 
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